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ABSTRACT: We study thermoplastic elastomers of triblock copolymers, of the form polystyrene—
polyisoprene—polystyrene (SIS), where the microphase-separated PS blocks act as physical cross-links
for the PI elastic network. Two compositions are examined: one with micellar cubic and the other with
hexagonal cylindrical morphology of PS. Remarkably, the long-time stress relaxation is very similar; it
reveals a continuous crossover between the typical response of a classical rubber at low temperatures
and that of an entangled melt at high temperatures, above the Ty of polystyrene micelles. However, at a
temperature T* well below the glass transition Ty(PS), the stress relaxation experiences a crossover
between the classical rubber power law and a much faster relaxation above T*, which follows a stretched-
exponential law for the extension modulus E(t) ~ b exp[—(t/r)*?]. Time—temperature superposition is
possible at all temperatures below Ty(PS), but the classical WLF equation could not be made to describe
the shift factors. These results are interpreted in terms of transient (breakable under stress) cross-links
and a local stress relief when PS chains are pulled out of the glassy micelles, with the characteristic time
of PS release at each temperature below Ty(PS) determining the mechanical response at a given strain

rate.

Introduction

The stress relaxation of cross-linked rubbers is a
problem that is still not well understood and is currently
attracting significant experimental and theoretical in-
terest. The time dependence of the effective extension
modulus E(t), defined by the stress—strain convolution
o(t) = SE(t — t')(d/dt")e(t’) dt’, contains much information
about the internal physics of random polymer networks
and can provide a sensitive test for a variety of theoreti-
cal models of polymer rheology. Despite 50 years of
investigations into rubber behavior, there are still very
few experimental results on long time relaxation. The
classic work in this field is that of Chasset and Thirion?
and Ferry et al.,2 where a power-law relaxation E(t) ~
Eo[l — (t/ty)™™] has been established experimentally.
The theoretical model of Curro et al.®* suggested that
such behavior could be due to the relaxation of loops
and free dangling ends of polymer networks.

Transient networks, that is, polymer gels where the
cross-links could be broken (and sometimes recon-
nected), spontaneously or under stress, are also attract-
ing much current interest. The reasons range from
applied aspects of food colloids® to the fundamental
microstructure and viscoelastic properties of thermor-
eversible gels,’ in particular, telechelic networks formed
by triblock copolymers with short immiscible end blocks
(the effective cross-links).” The interest in elastic prop-
erties of transient networks with breakable cross-links
dates back to the early work of Thomas® and Flory,°
which, at that time, mostly concentrated on hydrogen-
bonding cross-links. In the present work we have
studied a thermoreversible elastomer system where the
effective strength of cross-linking is temperature-
dependent, varying between a rigid limit of “permanent
cross-links” to a weak limit when network strands are
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Figure 1. Sketch of SIS triblock copolymer (a) and the
morphology of its phase separation: the cubic phase of
spherical micelles in the 14% PS material (b) and the hexago-
nally packed phase of cylindrical micelles in the 17% PS
material (c). Long Pl bridges interconnect the PS micelles,
making an elastomer network with effective multifunctional
cross-links.

held together by only a weak potential. In this manner
we could sweep the behavior from an essentially per-
manently cross-linked classical rubber material to the
one where the cross-links are at best transient. This is
achieved with symmetric triblock copolymers of the form
polystyrene—polyisoprene—polystyrene (PS—PI—PS, or
SIS) melt, where the minority PS blocks phase-separate
and act as physical cross-links for the PI elastic network
forming the continuous majority phase. Depending on
the copolymer composition, the morphology of such
phase separation may vary. A large industry of research
has examined this question over the years (see refs 10—
12). The morphology and the phase boundaries of an
SIS system are well-known; we are particularly inter-
ested in the cubic phase of spherical PS micelles, at the
lower concentration (14% in our case), and the hexago-
nally packed cylindrical PS regions at a higher (17%)
proportion of PS in the copolymer composition (see
Figure 1).

In this article we are concerned with the mechanical
stress relaxation in an effective elastomer formed by the
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microphase-separated SIS copolymer melt. In simple
terms, it is expected that below the glass transition of
PS micelles one should find a mechanical behavior
characteristic of a permanent rubbery network of PI,
while above this point, T4(PS), the PS micelles would
not be expected to support the forces of the deformed
P1 network, and the material would become a thermo-
plastic gel. Of course, there are two more characteristic
temperatures in such a system: below the glass transi-
tion of the Pl matrix, Ty4(PI), the material would become
an ordinary polymer glass, while above the phase
separation binodal a homogeneously mixed PS—PI melt
would result. Here we are not interested in these
limiting regimes and concentrate on the region around
and below Ty4(PS), investigating the role of cross-links
on the rubbery PI network.

We will demonstrate that there is one more charac-
teristic temperature in the system, T* ~ 30 °C, well
below T4(PS) ~ 70 °C. Below T* one finds the expected
rheological response of a permanently cross-linked
rubber, while above T* the supposedly glassy PS mi-
celles act as breakable linkages—by a mechanism we
propose to be PS chain pullout under force from their
micellar aggregates. As a result, in this regime we find
a faster relaxation of stress, described by a stretched-
exponential law, and nonrecoverable change of sample
shape (creep) after a long period of deformation, a
“permanent set”. However, the total density of effective
cross-links remains constant at each temperature,
indicating that although the effective micellar cross-
links are breaking under stress, the released chains are
reconnecting to different network strands. We argue
that there is a characteristic time scale of PS chain
pullout from a glassy matrix, zes(T), which moves into
the experimentally accessible window above T*.

Our results and general observations are qualitatively
close to the recent report of Sato et al.,!3 who also
studied the mechanical relaxation in SIS system. Their
system has been very different: the high 28% PS
content, much shorter chains, and the 50% tetradecane
solvent. All these factors must have dramatically af-
fected the relaxation mechanisms. In addition, the
authors of refs 13 and 14 only perform the dynamic
measurements with the lowest frequency of ~0.01 s™1,
while we focus on the truly long time relaxation
processes. Despite these differences, there are remark-
able similarities in the experimental results: Sato et
al. also report a crossover temperature T* ~ 30 °C and
a wide distribution of relaxation times (confirmed by our
stretched exponential relaxation law, see below). The
authors attribute their observations to the effect of a
PS chain pullout from the segregated micelles. We also
consider this a primary relaxation mechanism, except
that we find evidence that the chain pullout occurs even
below Ty(PS). The fact that there are so many qualita-
tive similarities, despite great differences in the systems
studied, gives comfort and hope that the results reported
here are even more universal than one might expect.

2. Experimental Section

The step-strain relaxation measurements were made on a
custom-built stretching device described previously.'’®> The
temperature compensated force transducer was obtained from
Pioden Controls Ltd. For studies of very long time relaxation
good temperature control is essential. In our device the
temperature was carefully held to within +0.3 °C of the target
value over prolonged intervals of time by using two isothermal
boxes with active temperature control. There was no attempt
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Table 1. Molecular Weights (Total and That of Each
Terminal PS Block) of the Two Materials under Study
and the Corresponding Glass Transition Temperatures?

sample total My, Mw(*2PS) Ty(PI), °C Ty(PS), °C
14% PS 245 000 17 150 -50 65
17% PS 160 000 13 600 —55 72

2The glass transition of Pl in the disperse system such as
microphase-separated SIS is broad and its value is taken, ap-
proximately, as the inflection point of the thermogram.

to control humidity. Both the force and the temperature data
were logged and interpreted by a computer directly interfacing
with the stretching device.

The SIS triblock copolymers used here was obtained from
Aldrich Chemical Corp. with a PS/PI molecular weight ratio
of 14% and 17%. We performed gel permeation chromatogra-
phy (GPC) to verify the molecular weight M,, and polydisper-
sity of materials, which was less than 1.1 (as one usually
expects in a living anionic polymerization). The material data
are listed in Table 1. One should recognize that the 14% PS
sample has much longer overall length of the middle Pl-block
(210 700, in comparison with 132 800 for 17% PS material).
This will account for a significantly lower elastic modulus of
the resulting elastomer. In the following study we are not
concerned with the absolute magnitude of elastic response, but
rather in relative values describing relaxation dynamics.

Differential scanning calorimetry (DSC) measurements
(Perkin-Elmer Pyris 1 DSC) were used to characterize the
phase transformations in the materials. The two glass transi-
tion temperatures of the SIS samples were unambiguously
determined (cf. Table 1) with no additional thermal transitions
between. We also determined the Ty values for pure Pl and
PS samples of nearly the same molecular weight homopoly-
mers as the components of the SIS block copolymer used here.
These were approximately —63 and 92 °C respectively for Pl
and PS. This kind of difference is expected and is consistent
with the composition of PS- and Pl-majority regions in the
phase-separated state: there is a small concentration of the
minority component in each of these regions, which acts as
an impurity and shifts the corresponding glass transition. To
confirm that any other impurities present were not distorting
the results, repeated reprecipitation from toluene and metha-
nol was used to purify the copolymer. Similar results for all
transition temperatures were obtained with this purified
material as those of the as-received samples.

Another aspect of glass transition shifts is the size of phase-
separated PS micelles. It is well-known that there would be a
size effect in the measured T; see refs 16 and 17 for example.
In our case, the small-angle synchrotron X-ray diffraction data
confirm the size of micelles (in both spherical cubic and
cylindrical hexagonal phases) to be around ~6 nm, very
narrowly dispersed. From the comparison of glass transition
temperatures, it appears that this size was too big to give any
additional significant shift in Tg's.

Thin samples for the stress relaxation measurements were
prepared by pressure molding. The particles of SIS, as
received, were sandwiched between the two sheets of PTFE
films covered by metal plates. Metal spacers were used to
control the thickness of the samples. The molding temperature
was 135 °C, well above the T, of PS. Initially the samples were
heated under a pressure of 300 [Ibf/in.?] for 60 min to a
thickness of 1 mm and then allowed to cool slowly to the room
temperature. Subsequently, the samples were remolded at the
same temperature and pressure for 30 min to a thickness of
~0.15 mm. After this procedure the samples were flat,
homogeneous, and transparent with no sign of the original
particulate form. The samples were cut with a razor blade into
a rectangular shape of approximately 3 x 25 x 0.15 mm
(narrow elongated strips minimize edge effects during exten-
sional deformation). The thickness, length, and width of
samples were measured by a micrometer at three points; the
average of the three values was used to calculate the stress.
Samples were clamped at two ends using thermally resistant
polyimide tape.
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The samples were extended in a step-strain fashion by 25%,
measured with a micrometer. This choice of fixed deformation
is rather arbitrary, directed by the need to measure higher
forces to increase accuracy but avoiding too high strains where
even a classical rubber would behave nonlinearly. The Ap-
pendix to this paper provides additional information on the
stress—strain relationships and strain-dependent relaxation.
The force on the sample and the temperature were measured
as a function of time for 2 days after the deformation was
imposed. These measurements were repeated for a number of
temperatures between 4 and 90 °C. The stress values, obtained
in arbitrary units, were calibrated with weights at different
temperatures. Because the stress sensor used here was
specially temperature compensated, there was only a small
adjustment in the calibration with temperature. Data pre-
sented here correspond to an engineering strain of 1.25 (1 =
L/Lo, where Ly is the unstretched length and the L is the fixed
extended length). Stress values will be presented as nominal
stress (o, equal to the measured force divided by the original
cross section of the sample).

The natural, unstretched length of the samples, Lo, is an
important parameter—both to calculate the correct strain value
and, after the end of stretching experiment, to determine
whether the sample recovers its shape elastically. Each time,
this length was determined experimentally from a very small
amplitude stress—strain measurement. The samples were then
extended to a strain of A = 1.25 in 45 s and kept at constant
temperature for 2 days to monitor relaxation. The sample
preparation history, including the rate of imposed strain and
the total time of relaxation, was kept constant throughout the
whole series of experiments.

3. Results

The two samples under investigation show very
similar mechanical relaxation, despite their rather
different “cross-linking morphology”. We shall return to
the discussion of possible reasons and the key factors
determining such a response in the end of this article.
This section begins with the raw data on stress relax-
ation, after a 25% step strain, at different temperatures
between 4 and 90 °C (Figure 2). The axes in this figure
are logarithmic time (corresponding to a maximum of
2 days) and logarithmic stress, such that a power-law
response would appear as a straight line in the plot.
Since the engineering strain was the same for all
experiments, the measured stress o(t) is effectively the
same as the effective modulus E(t); however, we shall
see later that in many cases the primary reason for
relaxation is the underlying plastic deformation reduc-
ing the effective strain in the network. As expected, the
stress values fall with increasing time and temperature.
The stress relaxation curves below 30 °C are essentially
straight lines and parallel with each another. At a
temperature T* ~ 30 °C, the relaxation curve deviates
from this straight line (power law) behavior. Above T*
but below T4(PS), the relaxation curves curve down-
ward, indicating a faster than power-law decay.

Above Ty4(PS) only a small relaxation is evident, with
both samples essentially acting like a viscoelastic liquid
at long times. Although this regime is not the subject
of our work, we remark that the stress relaxation in
such soft “telechelic” network (theoretically studied in,
e.g., ref 7) closely follows the power law o(t) ~ at=%2, (A
dashed line next to the high-temperature data on both
plots shows the power-law slope of —1/2.) Let us mention
here that this type of response, also represented by a
E*(w) ~ (iw)Y2 frequency variation, is seen in a number
of microphase-separated copolymer melts (see ref 18).
It seems that, although the quoted theory addresses the
lamellar phase while we have spherical and cylindrical
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Figure 2. Results of the stress relaxation experiments at a
sequence of increasing temperatures (shown as legends on
plots) for the sample 14% PS (a) and 17% PS (b). Clearly, the
high-temperature regime above the glass transition of PS
micelles is viscoelastic: a dashed line showing the power-law
exponent of —%/, is drawn near the data for both materials.
The amount of stress relaxation in the regime below Ty(PS)
increases with increasing temperature and invites time—
temperature superposition analysis.

micelles, the —1/2 power-law is a more general and
characteristic rheological feature of a complex fluid with
an energy barrier for internal reorganization.

3.1. Time—Temperature Superposition. Figure 3
shows the master curves of the stress relaxation ob-
tained by shifting each relaxation curve below T4(PS)
in Figure 2 along the logarithmic time axis, that is, by
transforming tef = ar~t. The reference temperature is
taken as the lowest temperature investigated, that is,
4.25 °C for 14% PS and 6.3 °C for 17% PS, such that all
curves are shifted to the positive log-time direction. This
plot illustrates that time—temperature superposition
works reasonably well below Ty4(PS). In contrast, we
were unable to include the data above 70 °C on the same
master curve by time—temperature superposition of any
kind, clearly manifesting the expected change in physi-
cal properties of the material. However, although the
data in the elastomeric regime below Ty(PS) do allow a
unique time—temperature superposition, we find more
evidence of an abrupt change in behavior at around 30
°C by examining the values of time shift factor ar.

The traditional way to analyze time—temperature
superposition is to apply the so-called WLF equation.®
This famous empirical law has a strong physical back-
ground and works well in a great variety of polymeric
systems. However, even at the first glance, the WLF
approach is ambiguous in a multicomponent system
with two widely separated glass transitions, such as our
SIS copolymer. The experimentally determined time
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Figure 3. Master curves of the stress relaxation of SIS
elastomer below T4(PS), obtained by time—temperature shift

ters = a;lt from the data in Figure 2 for the 14% PS sample (a)
and 17% PS sample (b). The similarity of the two master
curves is striking, despite the difference in cross-linking
morphology. One can distinguish the power-law relaxation
regime at lower temperatures (shorter times) and a faster E(t)
variation at long times (higher temperatures, but still below
Tg).

shift factors at for each of the stress relaxation curves
below 70 °C are plotted against the temperature in
Figure 2. The shift factors are seen to increase with
increasing temperature on a log scale; however, at a
crossover temperature around 30 °C (303 K), one finds
an evident change in behavior. To illustrate this, we
attempted to fit the WLF equation?®

Cl(T - Tref)

'0g 27 Cot T — Ty @)
where C; and C, are the empirical coefficients. The
values of C; and C; are often quoted in pure materials
as C; = —17.44 and C, = 51.6 when the reference
temperature is taken as the glass transition point Ty.
The original WLF paper?® takes T approximately 50°
above the corresponding Ty and obtains C; = —8.86 with
C, = 101.6. In our case the reference temperature for
the 14% PS sample was was T = 4.25 °C and for the
17% PS sample 6.3 °C, approximately 50° above Tgy(P1),
which should be the relevant glass transition for this
WLF analysis. We find that only the data below 30 °C
would fit this equation, with WLF coefficients of C; =
—17.44, C, = 240 for 14% PSand C; = —7.24,C, = 6.55
for the 17% PS sample (shown as a solid line in Figure
4). Clearly, there is no significance in these rather
random figures. To illustrate, the dashed line shows an
attempted fits of all ar points to a WLF equation—
obviously an unsuccessful attempt.

3.2. Relaxation Law. We now proceed to analyze the
stress relaxation itself. As the assembled plots in
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Figure 4. Time shift factors ar used to collapse the relaxation
data on the master curves Figures 3, against the temperature,
for the samples 14% PS (a) and 17% PS (b). Solid lines show
the attempted WLF fit of the points below T* ~ 30 °C; dashed
lines show the attempted WLF fit of all ar points.

Figures 2 and 3 suggest, the E(t) data for the lowest
temperatures follows a simple power law. This would
be expected of a cross-linked polymer network,13
especially taking into account a high probability of free
dangling ends in a phase-separated triblock copolymer
system. In the region below 30 °C both samples have
their stress relaxing according to

E(t) ~ Eo(1 + 1.6t %*%) for 14% PS
E(t) ~ Eo(1 4+ 2.2t7%") for 17% PS )

with only Eg a fitting parameter. Significantly, all curves
for a given material can be fitted with the same power-
law exponent of 0.12 or 0.15 and prefactor of ~1.6 or
2.2.

At higher temperatures, above T*, or, equivalently,
at longer times on the master curves, the stress relax-
ation becomes much faster. From 39 to 70 °C, the
stretched exponential law becomes the only reasonable
model that can fit the data for both samples:

E(t) ~ 835 exp[—(t/r)*?] for 4% PS
E(t) ~ 1088 exp[—(t/1)**] for 17% PS  (3)

As with the low-temperature regime, all curves for a
given sample can be fitted with only one fitting param-
eter, 7. The stretched exponent index has the same value
of 0.2 for all experimental runs, for both samples; only
the characteristic time scale r depends on the temper-
ature. The last relaxation curves, obtained at temper-
atures above 50 °C, eventually reached zero stress
during the experiment, corresponding to zero net elastic
response; other plots also go to zero when extrapolated
to t — . One could say that in this temperature range
the samples respond thermoplastically to an applied
strain. The relaxation time, 7, plotted against temper-
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Figure 5. Relaxation time 7(T), a parameter of stretched
exponential law (3) at high temperatures. Solid lines show the
fit of each data set by the simple exponential t =  exp(—aT),
with o = 0.19 and 0.24 for 14% PS and 17% PS samples,
respectively.
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Figure 6. Changes in the natural length L, of SIS samples
after the 2 day relaxation at different temperatures below Tg-
(PS). Below T* all samples returned to their original shape,
showing a fully elastic response; above T* the samples suffered
increasing amounts of plastic deformation, eventually creeping
irreversibly to the full extended length L = 1.25L,. The broken
line is a guide to the eye, illustrating the amount of creep at
different temperatures.

ature in Figure 5, drops dramatically with increasing
the temperature (in accordance with the time shift
constant ar in WLF analysis), indicating that the
relaxation time is going to be faster at higher temper-
ature.

To reiterate the contrast between the two tempera-
ture regions, we attempted to fit the higher-temperature
relaxation curves with a power law and the lower-
temperature curves with a stretched exponential—the
result has very clearly been negative, so we were left
with no doubt that the suggested time evolution regimes
are unique in each of these distinct temperature regions.

3.3. Natural length Lo. The changes in the length
of SIS samples before and after the stress relaxation
experiments were also recorded and are given in Figure
6. The data for both samples clearly highlight the
turning point at 30 °C, before which samples behave
almost completely elastically and after which samples
experienced more plastic flow as the test temperature
increased toward Tg¢(PS). However, significantly, at all
temperatures we find that the effective total cross-
linking density remains the same. The decrease of
actual or extrapolated stress to zero is achieved by the
altering the natural length Lo and thus reducing the
effective strain applied to the sample. If, after the end
of relaxation experiment, we determine the new natural
length Lo’ (as shown in Figure 6) and stretch the sample
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again by 25% with respect to this new value, the stress
magnitude and relaxation are the same as during the
first run. This indicates that the total number of
effective cross-links in the SIS network remains the
same and suggests the probable leading mechanism of
relaxation in the regime below Tg¢(PS) but above T* ~
30 °C. Under stress, the PS chains can be pulled out of
the micelles, which are still in a fully glassy state.
Remarkably, this mechanism appears to be the same
and produce very similar results, for both the cubic
phase of spherical PS micelles and the hexagonally
packed cylindrical aggregates. This chain pullout re-
lieves the local stress and allows the sample to change
shape. However, after mechanical equilibration, the free
PS chain does not stay in the predominantly Pl matrix
but finds another PS micelle to link with. The rate of
this recombination process seems to be much faster than
the release rate, since the free PS chains are diluted in
the molten P1 matrix and thus have high mobility, until
they link with a new glassy PS micelle. Then, when a
new strain is applied, the newly shaped material
responds with the same elastic modulus E(t): this
process is analogous to remolding of SIS samples. The
main novel result of this work is that the nature of PS
glass appears to change abruptly at around 30 °C, below
which no chain pullout takes place on the experimental
time scale, and accordingly, the sample sustains the
finite stress in equilibrium and preserves its shape
elastically. Significantly, this appears to be independent
of the particular microstructure of the phase-separated
material.

4. Discussion

Above the glass transition of PS micelles, the SIS
blend behaves viscoelastically, and E(t) curves appear
to follow the rapidly decaying power law E(t) ~ Quisc(t/
ty)~%2, as indicated in Figure 2. This means that the
stress relaxation curves at different temperature above
the Ty4(PS) are also going to be superimposed, but with
a different set of reference temperature and parameters.
This latter fact has also been reported by Chung et al.20
One can easily understand that the phase separation
creates an energy barrier, which holds the soft PS chain
segments in the (molten) spherical or cylindrical mi-
celles and thus creates an effective cross-link for the PI
network. At higher temperatures this energy barrier
becomes weak and insufficient to resist the elastic force.
This is one of the obvious transitions on raising the
temperature.

The reasons for a distinct break in behavior at a
crossover point T* in the elastomeric regime well below
Ty(PS) are less obvious. According to the phase diagram
of PS—PI blend, the block copolymer will not be com-
pletely phase-separated microscopically. Rather the
material will split into two regions one of which is a
micelle of PS-rich phase and the other a continuous
matrix of Pl-rich phase. This partial miscibility is the
main origin of the variation in the measured Ty of the
copolymers compared to corresponding homopolymers.
Simple combining rules for copolymers?® suggest that
the T4 of a combination is of the form

1 X 1—x

T, T, T,

where x is the weight fraction, which could be used to
estimate the concentration of free PS in the Pl matrix:



276 Hotta et al.

Figure 7. Sketch illustrates the free dangling ends naturally
occurring in the SIS elastomer network (on the example of
cubic phase of 14% PS copolymer). In the first case there is a
single SIS chain attached to only one PS micelle, which itself
is a part of the network: n = 1. The case of n = 3 is presented
in different variations: a linear conformation and a number
of possible loops, all assumed to contribute similarly to the
individual dynamics of the retracting strand.

the change from —63 to —55 °C for Pl requires x ~ 8%
of PS impurity. This means a significant amount of
freely dangling chain ends in the otherwise effectively
cross-linked Pl network; see the sketch in Figure 7
(which also shows a possibility of a dangling end
terminated with a loop). This is consistent with the
power-law stress relaxation of a fully elastic rubbery
state that we observe at low temperatures. Character-
istically, and also consistently with the physical picture
of the thermoplastic SIS elastomer at low temperatures,
the power-law exponent of 0.15 is very close to that
reported experimentally in the classical studies of
rubber relaxation?? and also theoretically attributed to
the relaxation of free dangling ends.3

To directly apply the theoretical ideas of stress
relaxation due to the retraction of free dangling chains
attached to the percolating network, one needs to make
a minor modification of the Curro et al. argument. We
assume that, if the probability of one triblock copolymer
chain to be attached to the network is §, the probability
of having n such triblock segments to form a free
dangling end is P(n) = §(1 — §)"* (see Figure 7). Then,
following the concept of® that the relaxing part of stress
is proportional to the part of the retracting chain that
has not yet relaxed to equilibrium, Ao(t) ~ nL — I(t),
with v = nL the total number of monomers in the chain,
we write for the relaxation modulus:

E(t) =By +« S [v — I®la@ —a)”*
~ra 11
‘ (1q(—1(1 2)t“q)“L)Z(1 9" @

=E,+

Taking the de Gennes’ estimate for the retracting time
I(t) = a In(t/7), one obtains after rearrangement, in full
analogy with Curro et al.,

E(t) = Eol1 — (Ur,) "] )

av)
with Eg the equilibrium value of the modulus at t — o
and the relaxation time 75, determined by the §-
dependent prefactor in eq 4.

Above 30 °C, the stress relaxation switches to a
completely different mechanism and follows a stretched
exponential law. Such time dependence is known in
other physical systems characteristic of quenched col-
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lective behavior and indicates a broad distribution of
relaxation times. Having in mind the idea of PS chains
being pulled out of the glassy micelles, one can under-
stand this changed relaxation mechanism by compari-
son with the free chain end retraction discussed above.
At any given time t a new population of free dangling
ends is added to the system (proportional to the prob-
ability of PS chain pullout at a given temperature and
applied force?3). Simultaneously, the effective natural
length Lo is increased by the same proportion, thus
reducing the effective strain and the force applied to the
remaining network strands. Such a collective mecha-
nism of self-retardation leads, in our case, to a slow
stretched-exponential stress decay to zero (or a very low
stress value, below the pullout threshold of PS micelles).
What is most unusual is that such transformation
occurs some 40 deg below the glass transition within
PS micelles acting as effective network cross-links, Tg-
(PS) unambiguously identified by thermal and mechan-
ical means.

Two models mentioned above describe different re-
gimes of network behavior, with permanent and with
breakable cross-links. However, analyzing our experi-
mental data, it is interesting to note that all stress
relaxation curves below Ty(PS) are superimposed on the
master curve in Figure 3, despite the apparent change
in physical properties around T*. This change does not
imply that there is some kind of structural or phase
change in SIS polymer networks at this temperature,
well below the glass transition of PS micelles. According
to DSC, there is no evidence of any thermal signature
at T* in equilibrium. In fact, since the mechanical
relaxation data below and above the crossover T* are
falling onto the same master curve, we could assume
that they represent the same universal relaxation law
but at very different characteristic time scale, depending
on the temperature of relaxation experiment. If we
assign a characteristic time tps of a PS chain pullout
from a glassy matrix, such a time must be a function of
applied force, the length of PS chain trapped in the
micelle, and the temperature.?® Then, at a given tem-
perature, the stress relaxation experiment may remain
in the time window much smaller than zps: the network
would appear permanently cross-linked, as our results
below T*, modeled by the power-law relaxation (5). At
a higher temperature 7ps could decrease such that a
significant proportion of PS chains rearrange during the
period of experiment: we obtain a corresponding
stretched exponential relaxation above T*.

To summarize, this work has provided detailed stress
relaxation measurements on SIS block copolymers over
a range of temperatures. It provides a different look at
the symmetric triblock copolymer systems acting as
thermoplastic elastomers from that of Sato et al.13 and
particularly focuses on the low-PS-containing materials
with no solvent. As expected, the behavior changes from
that of a classical polyisoprene rubbery network, held
together by glassy polystyrene micelles, to that of a
viscoelastic polymer melt, when the molten PS blocks
are not capable of sustaining the stress. However, we
also find a marked change in behavior much below Tg-
(PS), at around 30 °C, when the strength of glassy PS
regions becomes less and the chain pullout and reas-
sembly take place under sufficient force. The fact that
our findings for cubic and hexagonal phase separation
morphology in the copolymer melt are qualitatively
similar to those of Sato et al. (in 50% solvent, with likely
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Figure 8. Stress—strain relations for the 14% PS sample (a)
and the 17% PS sample (b) obtained at a fixed temperature
near the crossover T* ~ 30 °C and increasingly slow strain
rates: 0.4, 0.1, 0.0166, and 0.0025 min~1 for circles, diamonds,
squares, and triangles, respectively.

different morphology) suggests that the mechanical
relaxation mechanisms discussed here are indeed uni-
versal and should be relevant to a broad range of other
thermoplastic elastomers.
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Appendix: Stress—Strain Relations and
Relaxation

The equilibrium stress—strain behavior is an impor-
tant characteristic of rubber properties. Even though
our work is concerned with relaxation mechanisms at
a relatively small fixed strain, it is necessary to examine
the response at different deformations to identify the
regime of study. Accordingly, we have performed a
series of stress—strain measurements at different rates
of strain increase.

It is immediately obvious that the question of equi-
librium stress—strain response is rather ambiguous.
Even before the experiment, it is expected from the
concept of PS chain pullout that we put forward in this
article that all SIS materials at all temperatures would
eventually creep to the state of zero stress. Therefore,
the rate at which strain is imposed is crucial for
the outcome stress. The data sets in Figure 8 indicate
this for both materials studied. Four strain rates
are shown: 6.7 x 1073 s (circles), 1.7 x 1078 s7!
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(diamonds), 2.8 x 1074 s~ (squares), and 4.2 x 1075s™1
(triangles). The effect of strain on internal mechanical
relaxation is qualitatively the same in both samples,
with fcc and hexagonal morphology, but is more pro-
nounced in the more rigid 17% PS material.

Essentially, there is no linear equilibrium stress—
strain regime in SIS rubber. It may appear that in the
temperature range below T* = 30 °C the linear response
is observed, but this is only the question of time allowed
for relaxation, as the master curves indicate. Similarly,
although curves in Figure 8 appear linear at strains
below 10%, this is only a result of too fast strain rate.
The slowest rate of ~107° s~1 shows deviations even in
this region. On increasing magnitude of strain the
relaxation rate is clearly accelerating. At very high
strain all materials creep very significantly, even at the
lowest temperatures studied. These observations are,
in fact, consistent with the concept of chain pullout from
the glassy PS micelles. If one assumes the pullout rate
7ps to follow an energy barrier activation law, then the
increasing strain would shift and decrease the barrier:
7ps O exp[(W — ke?)/kT]. Accordingly, the crossover
temperature T* should move to lower values at higher
deformations imposed. Testing this in greater detail was
outside the scope of this paper.
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